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Abstract. In this paper we investigate self-diffusion of Ti and Al along interfaces present in the lamellar L10

TiAl by atomistic computer modeling. The interactions between the atoms are described by centralforce many-body
potentials. The approach adopted is similar to that used in earlier atomistic modeling of bulk diffusion in TiAl
[1, 2]. Both the formation and migration of vacancies is examined. The interfaces studied are the three types of
γ –γ interfaces: ordinary twin, pseudotwin and 120◦ rotational fault. For the latter two interfaces the diffusion was
investigated not only for the stoichiometric case but also when the interfaces possess a surplus of titanium in the
form of a layer with the composition and structure of Ti3Al, as was found in an earlier Monte Carlo study of titanium
segregation to these interfaces. The calculations suggest that the diffusivity along γ –γ interfaces is higher than in
the bulk. However, the difference between bulk and interfacial diffusivity is not as drastic as it may be encountered
in grain boundaries. At the same time the above mentioned surplus of Ti appears to affect the interfacial diffusion
only marginally.
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1. Introduction

The appeal of intermetallic compounds to engineers
and materials scientists stems from their attractive com-
bination of physical and mechanical properties, in par-
ticular exceptionally high strength, hardness, creep and
corrosion resistance at high temperatures [3–6]. A neg-
ative feature of these materials is frequently their small
or even non-existent ductility at ambient temperatures.
Yet, in several instances intermetallics that display an
acceptable ductility are two-phase materials with co-
herent interfaces [7]. Titanium-aluminum alloys based
on γ -TiAl with the tetragonal L10 structure belong
to this category. Remarkably high plastic strain levels
have been achieved under tension at room temperature
in the lamellar structure composed of layers of multi-
ply oriented L10 TiAl interspersed with the hexagonal,
DO19, Ti3Al [6, 8–11]. These compounds are mate-
rials of increasing technological importance in high-
temperature applications [6, 12–17] and their forma-
tion, high-temperature stability, as well as their creep
resistance, all depend on or are controlled by diffusion.

Present understanding of diffusion processes in TiAl
is far from complete although a significant progress,
both experimental and theoretical, has recently been
made in studies of bulk diffusion in this compound [1,
2]. It is well known that interfacial and grain boundary
diffusion is often much faster than the bulk diffusion
[18–24] and thus owing to the lamellar structure a sig-
nificant fraction of diffusional transport may occur at
lamellar interfaces. On the other hand, as explained in
more detail below, the γ –γ lamellar interfaces are twin-
like and possess high symmetries and their structures
may be highly ordered [25, 26]. Hence, it is not a priori
evident that they do represent paths of fast diffusion.
Diffusion in γ –γ lamellar interfaces has not been in-
vestigated either experimentally or theoretically and it
is the goal of this atomistic study to elucidate the self-
diffusion in these interfaces and assess its importance
relative to the diffusion in the bulk.

The approach adopted in the present work is similar
to that followed by Mishin and Herzig [1, 2] in their the-
oretical investigation of bulk diffusion in TiAl. Com-
puter simulation, utilizing central-force many body
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potentials that are akin to the embedded atom method
(EAM) used in [1, 2], is employed to investigate the dif-
fusion process assuming that self-diffusion occurs via
the motion of vacancies. Both the formation and migra-
tion of vacancies has been examined following the pro-
cedures analogous to those employed in [1, 2]. The in-
terfaces studied were the three types of γ –γ gnterfaces,
described in Section 2; the interface between the L10

TiAl and the DO19 Ti3Al has not been included into this
study. On the other hand, not only stoichiometric γ –γ

interfaces have been considered but also interfaces with
surplus of titanium that may occur due to segregation
[27, 28]. As suggested in earlier experimental [27] and
theoretical studies [28], the structure of such interfaces
can be considered as containing a thin layer of Ti3Al.
The results of the present calculations suggest that in
all three γ –γ interfaces both formation and migration
energies of vacancies are lower than in the bulk and,
therefore, the diffusivity along them is higher. How-
ever, the difference between the bulk and interfacial
diffusivity is not as drastic as it is found in many grain
boundaries. At the same time the above mentioned sur-
plus of Ti appears to affect the interfacial diffusion only
marginally.

2. γ–γ Interfaces in Lamellar TiAl

While the L10 structure is tetragonal, it is customary to
use the cubic notation for planes and directions since
this structure can be regarded as fcc based if the c/a
ratio is close to 1. In the following the tetragonal c-axis
will always be the [001] direction. Using this notation,
L10 TiAl structure can be regarded as alternate (001)
layers of Al and Ti atoms (see Fig. 1). In the lamellar
TiAl γ –γ interfaces are all parallel to {111} planes and
Fig. 2(a) shows the atomic structure of the ideal L10

lattice in the [1̄10] projection as a stacking of (111)
planes.

Since there are six possible relative orientations of
the 〈1̄10〉 or, alternatively, 〈1̄1̄2〉 vectors in the {111}
planes of adjacent lamellae, three distinct γ –γ inter-
faces may exist [24, 25, 29]: The ordered twin, ob-
tained when [1̄1̄2]l is parallel to [112̄]u (Fig. 2(b)), the
pseudotwin when [1̄1̄2]l is parallel to [12̄1]u or [2̄11]u

(Fig. 2(c)), and the 120◦ rotational fault when [1̄1̄2]l is
parallel to [1̄21̄]u or [21̄1̄]u (Fig. 2(d)); the subscripts
l and u refer to the lower and upper lamella, respec-
tively. In Fig. 2(a)–(d) the interfacial (111) layers in
which formation and migration of vacancies has been
considered, are marked by numbers.

Figure 1. Unit cell of the L10 TiAl structure; open circles represent
Al and filled circles Ti.

Lamellar titanium-aluminum alloys based on γ -TiAl
are generally titanium rich [8, 9, 30] and segregation of
Ti to the γ –γ interfaces defined above is possible. This
has, indeed, been corroborated experimentally [27] and
results of a recent Monte Carlo study [28] suggest that
in Ti-rich alloys a very thin layer with composition
close to the DO19 Ti3Al forms at 120◦ rotational faults
and pseudotwins (but not in ordered twins). For this
reason we have also investigated formation and mi-
gration of vacancies in the 120◦ rotational fault and
the pseudotwin in which the central layer, i.e. layer
0 in Fig. 1(c) and (d), has the composition of Ti3Al,
while all the other layers possess the stoichiometric
TiAl composition.

In L10 TiAl the c/a ratio is 1.017 [31]. This non-
ideal c/a ratio does not invoke any misfit at the ordered
twin. However, it causes that [12̄1] and [2̄11] vectors
are a factor of 1.0085 shorter than the vector [1̄1̄2],
which leads to a misfit at the 120◦rotational fault and
the pseudotwin. This mismatch is then compensated by
a network of misfit dislocations [32]. However, since
the misfit is small, the separation of these dislocations
is large, of the order of fifty lattice spacings, and periods
of these interfaces have the same dimensions. Atom-
istic modeling of such long-period interfaces would
require very large numbers of atoms. Yet, the inter-
facial regions in between the misfit dislocations are
structurally very similar to the short period interfaces
that arise for the ideal c/a = 1 ratio. Consequently,
in the present study we have investigated only short
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Figure 2. Atomic structure of the ideal L10 TiAl and the three γ –γ

interfaces in this structure depicted in the [1̄10] projection. (a) Ideal
L10 TiAl; (b) Ordinary twin; (c) Pseudotwin; (d) 120◦ rotational
fault. Open circles represent Al, filled circles Ti and gray circles
represent atomic rows of mixed composition.

period interfaces of this type. This was enabled by us-
ing the many-body central force potentials fitted such
as to give c/a = 1 for the minimum energy structure
(see Appendix).

3. Methods of Atomistic Modeling of Formation
and Migration of Vacancies

3.1. Description of Atomic Interactions

In the present calculations the total energy was eval-
uated using the central-force Finnis-Sinclair type po-
tentials [33] for binary alloys [34]. In this scheme the
energy is written as

E =
N∑

i=1

[
1

2

∑
j �=i

VSi S j (ri j ) − √
ρi

]
(1a)

where

ρi =
∑
j �=i

�Si S j (ri j ), (1b)

N is the total number of atoms in the system and both V
and � are empirically fitted pair potentials; the second
term in Eq. (1a) is the many-body term. The suffices
i and j refer to individual atoms and Si and Sj to the
species of the atoms involved. The summation over j
extends over those neighbors of the atom i for which
ri j , the separation of atoms i and j , is within the cut-off
radii of these potentials.

For the Ti-Al system such potentials were originally
developed in the context of atomistic studies of disloca-
tions [35, 36]. Two sets of potentials were constructed
for TiAl with the tetragonal L10 lattice. One repro-
duces exactly the lattice parameters c and a and thus
the non-ideal c/a ratio, and the other leads to c/a = 1.
As alluded to in the previous section the latter poten-
tials were used in the present study. Both sets of po-
tentials reproduce the cohesive energy and to a good
approximation the elastic moduli. However, owing to
the negative Cauchy pressures C12-C66 and C13-C44 the
elastic moduli cannot be fitted exactly in this scheme
[36]. Nevertheless, these potentials assure stability of
the L10 ordering relative to disordering, stability of the
L10 lattice with respect to the alternate structures with
the same stoichiometry, B2 and B19, and mechanical
stability with respect to some large homogeneous de-
formations [35–37]. Hence, it is reasonable to assume
that calculations employing these potentials can reveal,
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at least qualitatively, the role of lamellar interfaces in
self-diffusion in TiAl. Details of the potentials used are
presented in the Appendix.

3.2. Technique of Atomistic Calculations

A finite block of the L10 lattice was first constructed
geometrically. Since all the interfaces investigated are
parallel to the (111) planes, external surfaces of this
block are also parallel to these planes. The interfaces
studied were then introduced into the middle of the
block such that the bottom half of the block remained
fixed while the upper half was rotated around the [111]
axis by nπ/3, where n = 1, 2, and 3, to create a pseu-
dotwin, a 120◦ rotational fault and an ordered twin,
respectively. In all cases the block consisted of twenty-
six (111) layers the repeat cell of which was composed
of sixty 1

2 [11̄0] × 1
2 [112̄] unit cells and contained 120

atoms; the total number of atoms in the repeat cell of the
block was then 3120. The minimum energy structures
of the interfaces studied were determined by relaxing
all the atoms using a conjugate gradient method for
energy minimization employing the DYNAMO code
developed by Daw and co-workers in connection with
the advancement of the embedded atom method [38–
40].

In atomistic studies of vacancy formation the starting
configurations were always the fully relaxed interfacial
structures. Atoms were then removed at several differ-
ent sites at and in the vicinity of the interface, and these
configurations always relaxed using again a conjugate
gradient method. The evaluation of the effective for-
mation energies of the vacancies is described in more
detail in the following section. Since this requires in-
formation on antisite defects, these were also analyzed
using the same approach as in the case of vacancies.

When investigating vacancy migration we evaluated
the migration energies employing the diffusional paths,
summarized in Section 3.4, which were recently pro-
posed in studies of bulk diffusion in TiAl by Mishin
and co-workers [1, 2]. The calculations employed pro-
cedures used in earlier studies of vacancy migration in
grain boundaries [41–44]. Starting with the fully re-
laxed structure of a vacancy, the migration path was
always defined by movement of an atom located near
the vacancy. This atom was then moved by small steps
along this path. At each step the migrating atom was
allowed to relax in the plane perpendicular to the mi-
gration path while all the other atoms were allowed
to relax fully in all directions. The vacancy migration

energy, Em
V , was then identified with the maximum en-

ergy attained during this process, relative to the initial
state.

3.3. Formation of Vacancies

In elemental solids the equilibrium concentration of
vacancies at a temperature T is given as

cV = c0 exp

(
− E f

V

kBT

)
(2)

where E f
V is the vacancy formation energy, c0 the pre-

exponential factor of the order one, related to vibra-
tional entropy, and kB the Boltzmann constant. In alloys
the situation is more complex. First, there is no unique
definition of the cohesive energy of individual species
but only the cohesive energy per atom of the alloy,
Ecoh, has a physical meaning. Secondly, formation of
vacancies is necessarily accompanied by formation of
antisite defects if stoichiometry is not to change. These
problems have recently been analyzed in detail in ref-
erences [2, 45–47] and here we only briefly summarize
those results needed in the present study.

In the context of atomistic studies of vacancies and
antisite defects the important concept is the “raw” en-
ergy of such defects. This is defined as the total change
of the energy of the block used in the simulation when
the defect was introduced, and the block relaxed, while
the number of lattice sites was kept fixed. Thus the
“raw” energies of vacancies on sites A and B, E∗

VA

and E∗
VB

, respectively, are the differences of energies
of the block with and without the corresponding va-
cancies. The “raw” energies of antisite defects, E∗

A→B,
corresponding to replacing a B atom by the A atom,
and E∗

B→A, corresponding to replacing an A atom by
the B atom, are evaluated analogously. As explained in
[2, 47] the “raw” energies must not be confused with
the formation energies of the corresponding point de-
fects. However, they are quantities that can be easily
evaluated in atomistic studies and relate, via statistical
mechanics considerations, to the effective formation
energies of point defects that determine their concen-
trations by equations analogous to (2) [2, 47]. In a sto-
ichiometric binary An Bm alloy the effective vacancy
formation energies at sites A and B, respectively, are

Eeff
VA

= E∗
VA

+ Ecoh + b

2
(E∗

A→B − E∗
B→A) (3a)

Eeff
VB

= E∗
VB

+ Ecoh + a

2
(E∗

B→A − E∗
A→B) (3b)
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where a = n/(m + n) and b = m/(m + n), and the
effective formation energies of antisite defects are

Eeff
A→B = Eeff

B→A = 1

2
(E∗

B→A + E∗
A→B) (3c)

In an An Bm alloy with the surplus of A the correspond-
ing effective formation energies are

Eeff
VA

= E∗
VA

+ Ecoh + bE∗
A→B (4a)

Eeff
VB

= E∗
VB

+ Ecoh − aE∗
A→B (4b)

Eeff
A→B = 0; Eeff

B→A = E∗
B→A + E∗

A→B (4c)

3.4. Migration of Vacancies and Diffusion

A vacancy moving randomly through an ordered struc-
ture would generally involve jumps from one sublattice
to the other and this would lead to gradually increasing
disorder. Therefore, in thermodynamic equilibrium va-
cancy jumps must be correlated with one another and
occur in a way that preserves the order [2]. For the bulk
TiAl such jumps have been identified in Refs. [1, 2].
In this study we investigate only those paths that are
parallel to (111) planes and enable diffusion in γ –γ

interfaces. The jumps out and back into the interface,
with a component parallel to the interface, were also
considered but they were generally found to be less
probable.

The simplest jumps that maintain the order are move-
ments of vacancies along one of the sublattices. In TiAl
the nearest neighbor jumps of this type, marked in the
following NN, are in the [1̄10] direction (cf. Fig. 1).
The jump along the Ti sublattice in the [1̄10] direction
is shown schematically in Fig. 3; the same type of jump
may occur on the Al sublattice. Since the [1̄10] direc-
tion is parallel to the (111) plane, these jumps can also
be considered as possible diffusional steps along γ –γ

interfaces.
Another possibility is chains of transitions in which

the atomic order is intermittently destroyed but it is
fully restored at the end of each chain. Two such mech-
anisms are considered in this study. The first is a three-
jump cycle, proposed in [1, 2] and marked in the fol-
lowing as 3JC. The other is the antistructural bridge
mechanism, first proposed in [48], and marked in the
following as ASB. In the 3JC, shown schematically
in Fig. 3 (see also Fig. 22 of [2]), a vacancy on the
Al sublattice makes first a jump to the Ti sublattice.
At this point an antisite defect is formed temporarily.
Then another jump along the Ti sublattice takes place

Figure 3. Structure of the three successive (111) planes, distin-
guished by sizes of the circles representing the atoms; open circles
represent Al and filled circles Ti. Three mechanisms of the migration
of vacancies in the (111) planes, NN, 3JC and ASB, are depicted by
arrows representing the sequences of the vacancy jumps.

and finally the vacancy returns to the original position.
As a result two atoms on the Ti sublattice, marked α

and β in Fig. 3, exchange positions. As discussed in
[2], this mechanism leads to the transport of Ti atoms
in combination with diffusion of vacancies on the Al
sublattice and the two mechanisms are linked through
the jump correlation factor. The resulting movement of
Ti atoms is in the [1̄10] direction that lies in the (111)
plane and thus this mechanism may also operate in γ –γ

interfaces. Analogously, a vacancy on the Ti sublattice
may induce transport of atoms on the Al sublattice.

The ASB mechanism, in contrast to the 3JC mecha-
nism, requires not only pre-existing vacancies but also
antisites and consists of two nearest neighbor jumps
of the vacancy, resulting in NN type displacements of
two atoms of the same species. Two alternatives, ASB1
and ASB2, have been considered in [2] (see Fig. 24(b)
of [2]). In the former case the vacancy and the anti-
site belong to the same sublattice and in the latter case
to different sublattices. However, in ASB1 the move-
ment of the vacancy is of the same type as in the NN
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jump and this jump is likely to dominate over the ASB1
jump; this has, indeed, been corroborated by calcula-
tions in [2]. Hence, in this paper we only consider the
mechanism ASB2 and call it ASB. It is shown schemat-
ically in Fig. 3 where it involves one vacancy on the
Ti sublattice and one antisite on the Al sublattice and
consists of two nearest neighbor jumps of the vacancy
resulting in displacements of Ti atoms. Analogously, a
vacancy on the Al sublattice, together with the antisite
on the Ti sublattice, may induce transport of Al atoms.
This mechanism leads to atomic transport along 〈112〉
directions and thus parallel to {111} planes.

The diffusion coefficient, D, associated with a given
mechanism can be written approximately as D ∝ c1 ·
c2 · . . . exp(−Em/kBT ), where ci are concentrations of
defects needed in the migration process and Em is the
corresponding migration energy evaluated as discussed
in Section 3.2. Since ci ∝ exp(−E f

i /kBT ), where E f
i is

the effective formation energy of the defect i , we can
write

D = D0 exp

(
− Qeff

kBT

)
. (5a)

Here D0 is a prefactor and

Qeff =
∑

i

E f
i + Em (5b)

where the summation extends over the point defects
needed for a given mechanism. For the NN and 3JC
mechanisms the only defects involved are the cor-
responding vacancies and thus in these two cases
Qeff = Eeff

V + Em
V . However, it should be noticed

that the diffusing species and the vacancies belong
to the same sublattice in the case of the NN mech-
anism and to different sublattices in the case of the
3JC mechanism. For the ASB mechanism considered,
Qeff = Eeff

V +Em
Antisite+Em

V . When the diffusing species
are from the sublattice A the vacancy is from the same
sublattice but the antisite belongs to the sublattice B
and vice versa. However, as pointed out in [2], Eq. (5a)
is only a rough approximation in which the value of
D0 is assumed to be the same for all the mechanisms
while substantial differences may arise due to entropy
factors, geometry and jump correlations. Nevertheless,
this approximation provides a simple method for the
assessment of the importance of various mechanisms,
though a more detailed analysis requires more rigorous
methods, such as kinetic Monte Carlo (see for example
[49]).

Table 1. Effective formation energies (in eV) of
Ti and Al vacancies and antisites in the bulk TiAl.

Eeff
Vn

Eeff
VAl

Eeff
Antisite

Present study 1.40 1.63 0.44

Ref. [2] 1.15 1.41 0.44

Ref. [50] 1.95 2.46 0.72

Ref. [51] 1.59 1.99 0.60

Ref. [52] 1.05 1.28 0.82

4. Results

4.1. Bulk TiAl

The calculations outlined above were first carried out
for the bulk TiAl in the L10 structure. The effective
vacancy formation energies evaluated using Eqs. (3a)
and (b) are summarized in Table 1 (a = b = 1/2 for
TiAl). The effective formation energies of antisite de-
fects, needed in the analysis of the ASB mechanism,
are also presented. For comparison we include results
of Mishin and Herzig [2], obtained using the EAM, re-
sults of ab initio, local density functional theory calcu-
lations [50, 51], as well as results of recent calculations
employing the tight-binding based bond-order poten-
tials [52]. The main difference between the description
of interatomic forces used in this study, as well as in
Ref. [2], and calculations employing ab initio meth-
ods and bond-order potentials is that in the latter case
the possible directional character of bonding is prop-
erly accounted for. This covalent type bonding arises
in Ti–Al alloys due to d electrons associated with Ti
and p electrons associated with Al. While the absolute
values of the effective formation energies calculated by
different methods vary up to 50%, they are of the same
order of magnitude and display the same trends.1 In
particular, in all cases it is predicted that there will be
a higher concentration of Ti vacancies than Al vacan-
cies and disorder will occur via formation of antisites
rather than structural vacancies. The latter is consistent
with experimental observations [53–55]. This suggests
that the directional bonding does not play a determining
role in qualitative analyses of point defects, presumably
owing to their nearly spherical symmetry, and central
force description of atomic interactions is adequate.

The migration energies, Em
V , and related values

of Qeff for the migration mechanisms discussed in
Section 3.4 , are summarized in Table 2. For compar-
ison we also include results of Ref. [2]. It is seen that
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Table 2. Migration energies of Ti and Al vacancies and ef-
fective activation energies (in eV) for diffusion of Ti and Al by
different mechanisms in the bulk of TiAl.

Em
V Qeff

Mechanisms NN 3JC ASB NN 3JC ASB

Present study

Titanium 1.07 1.40 0.72 2.47 2.90 2.56

Aluminum 0.91 1.27 0.57 2.54 2.80 2.64

Ref. [2]

Titanium 1.45 1.82 0.71 2.60 2.88 2.30

Aluminum 1.23 1.47 1.32 2.64 2.97 3.17

both calculations display similar trends in migration
mechanisms. The 3JC mechanism of the diffusion is the
most difficult mechanism for both Ti and Al vacancies.
The values of Qeff for the NN and ASB mechanisms
are in the present study very similar so that these two
mechanism may be expected to contribute practically
equally to the diffusion of both Ti and Al. A similar
result has been found in [2] for Ti but the ASB is the
most difficult mechanism for Al. The reason for this
difference is not obvious and could only be understood
after a detailed comparison of the two studies.

4.2. Interfaces with Stoichiometric Composition

Since the goal of this study is investigation of the diffu-
sion at γ –γ interfaces found in the lamellar TiAl based
alloys, calculations similar to those performed for the
bulk have been made for the three types of γ –γ inter-
faces defined in Section 2. The point defects, vacancies
and antisites, were considered in two layers adjacent
to the interfaces, marked 0 and −1 in Fig. 2(b)–(d).

Table 3. Effective formation energies of Ti and Al vacancies and antisites (in eV) in
two layers of γ –γ stoichiometric interfaces in TiAl. Two different values correspond to
two distinct sites in the layer.

Type of interface Layer number Eeff
Vn

Eeff
VAl

Eeff
Antisite

Ordinary twin 0 1.15 1.33 0.43

−1 1.14 1.33 0.43

Pseudotwin 0 1.28 and 1.39 1.43 and 1.57 0.44 and 0.18

−1 1.27 and 1.39 1.43 and 1.57 0.44 and 0.18

Rotational fault 0 1.32 and 1.34 1.50 and 1.51 0.31 and 0.30

−1 1.33 and 1.35 1.50 and 1.51 0.31 and 0.30

Limited calculations were also made for layers further
away from the interfaces but the corresponding forma-
tion energies were found to be practically the same as
in the bulk. In the case of the ordinary twin there is
only one non-equivalent Ti and one non-equivalent Al
site per layer but in the case of the pseudotwin and the
rotational fault there are two distinct Ti and Al sites per
layer.

The very important feature of interfacial vacancies,
found in the calculations, is that relaxations of atoms
in their vicinity are not more significant than in the
bulk. Hence, the vacancies at the interfaces are as lo-
calized as in the bulk and therefore the interfacial dif-
fusion can be considered as mediated by vacancies via
mechanisms similar to those identified in the bulk. The
effective formation energies of vacancies and antisites
at distinct lattice sites in the vicinity of the three in-
terfaces studied are summarized in Table 3; these en-
ergies were again calculated using Eqs. (3a) and (b).
They are generally lower than in the bulk, albeit not
greatly, and thus vacancies are weakly attracted to all
three γ –γ interfaces considered. It is notable that for a
given interface they do not differ significantly for dif-
ferent non-equivalent sites. Moreover, it is interesting
that the effective formation energies of vacancies are
the lowest at the ordinary twin, 18–20% lower than
in the bulk, while they are only 9–12% lower than in
the bulk for the pseudotwin and 5–8% lower for the
rotational fault.

The migration energies, Em
V , and related values of

Qeff for the three migration mechanisms considered,
are summarized in Table 4. In the case of two non-
equivalent vacancy sites, the site with lower effective
formation energy was always used when evaluating the
migration energies. Comparison with Table 2 shows
that, in general, the migration along γ –γ interfaces is
somewhat easier than in the bulk, albeit not remarkably.
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Table 4. Migration energies of Ti and Al vacancies and effective activation energies (in eV) for
Ti and Al diffusion by different mechanism in stoichiometric γ –γ interfaces.

Em
V Qeff

Layer number NN 3JC ASB NN 3JC ASB

Ordinary twin

Titanium 0 0.76 1.06 0.66 1.91 2.29 2.24

−1 0.76 1.06 0.66 1.90 2.24 2.23

Aluminum 0 0.57 0.96 0.40 1.90 2.21 2.16

−1 0.58 0.91 0.50 1.91 2.20 2.26

Pseudotwin

Titanium 0 0.93 1.04 0.59 2.21 2.54 2.05

−1 1.03 1.17 0.83 2.30 2.47 2.28

Aluminum 0 0.81 1.11 0.75 2.24 2.32 2.36

−1 0.95 1.04 0.60 2.38 2.44 2.21

Rotational fault

Titanium 0 0.96 1.07 0.66 2.28 2.50 2.28

−1 0.90 1.17 0.76 2.23 2.54 2.39

Aluminum 0 0.86 1.00 0.60 2.36 2.39 2.40

−1 0.95 1.04 0.63 2.45 2.50 2.43

In most cases Em
V and Qeff are the lowest for the NN

mechanism and highest for the 3JC mechanism, sim-
ilarly as in the bulk. However, while in the bulk the
diffusion of Al is in most cases more difficult than the
diffusion of Ti, in the interfaces this difference is less
conspicuous. It is interesting that, similarly as the for-
mation of vacancies, the diffusion is easiest in the or-
dinary twin, in particular via the NN mechanism. This
is contrary to the notion that since the structure of this
interface is closer to that of the bulk than the structure
of the other two interfaces, its diffusion characteristics
should be closest to the bulk.

4.3. Interfaces with Surplus of Titanium

As mentioned above, the recent Monte Carlo study of
γ –γ interfaces in Ti-rich alloys suggests that a very thin
layer with composition close to the DO19 Ti3Al forms
at 120◦ rotational faults and pseudotwins [28]. Hence,
in this study we investigated formation and migration
of vacancies in these two interfaces when the central
layer, i.e. layer 0 in Fig. 1(c) and (d), has the compo-
sition and structure of Ti3Al while all the other layers
possess the stoichiometric TiAl composition. The ef-
fective formation energies of vacancies and antisites
in such interfaces are summarized in Table 5. These

Table 5. Effective formation energies of Ti and Al vacancies
and Al → Ti antisites (in eV) in two layers of γ –γ interfaces with
segregated Ti. Layer 0 has the Ti3Al composition and structure.
Note that in this case Eeff

Ti→Al ≈ 0.

Type of interface Layer number Eeff
Vn

Eeff
VAl

Eeff
Al→Ti

Pseudotwin +1 1.38 1.55 0.31

0 1.66 1.74 0.05

−1 1.33 1.48 0.18

Rotational fault +1 1.56 1.56 0.31

0 1.84 1.70 0.31

−1 1.39 1.56 0.31

energies were calculated using Eqs. (4a)–(c) since Ti is
in surplus in this region. However, use of these relations
implies several approximations, most significantly that
Ecoh does not depend on the concentration of Ti and
that Ti → Al antisites do not interact in spite of their
high concentration. Comparison with Table 3 shows
that formation of vacancies in non-stoichiometric in-
terfaces is generally more difficult and in the layer 0,
which contains surplus of Ti, even more difficult than
in the bulk. In contrast, formation of antisite defects is
easier than in both the bulk and stoichiometric inter-
faces suggesting that disordering is relatively easy in
the vicinity of the layer with the surplus of Ti. Such
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Table 6. Migration energies of Ti and Al vacancies and effective activation energies (in eV) for
Ti and Al diffusion by different mechanisms in γ –γ interfaces with segregated Ti. Layer 0 has
the Ti3Al composition and structure.

Em
V Qeff

Layer number NN 3JC ASB NN 3JC ASB

Pseudotwin

Titanium +1 1.02 1.27 0.83 2.40 2.71 2.52

0 0.67 – 0.63 2.33 2.32 2.34

−1 0.99 0.94 0.79 2.32 2.47 2.30

Aluminum +1 0.93 1.16 0.57 2.48 2.65 2.12

0 – 0.58 0.58 – – 2.32

−1 0.72 0.99 0.77 2.20 2.27 2.25

Rotational fault

+1 1.07 1.29 0.81 2.63 2.67 2.68

Titanium 0 0.78 – 0.56 2.62 2.72 2.50

−1 1.01 1.26 0.83 2.40 2.65 2.53

+1 0.96 1.11 0.58 2.52 2.85 2.14

Aluminum 0 – 1.02 0.79 – – 2.49

−1 0.92 1.09 0.60 2.48 2.65 2.16

local disordering was also revealed in the Monte Carlo
calculations [28].

The migration energies, Em
V , and related values of

Qeff for the three migration mechanisms considered,
are summarized in Table 6. It should be noted that ow-
ing to higher concentration of Ti in the layer 0 the NN
migration jumps of Al vacancies and 3JC jumps of Ti
vacancies can not occur in this layer. Comparison of Ta-
bles 6 and 4 shows that on average there is no significant
difference in diffusional propensity between stoichio-
metric interfaces and interfaces rich in titanium. This
is so in spite of the fact that formation of vacancies is
more difficult in interfaces with the surplus of Ti. The
reason is that this is compensated by easier migration
of vacancies in such interfaces that leads to very similar
overall diffusional behavior.

5. Discussion

The first finding of the atomistic studies presented in
this paper is that the effective formation energies of va-
cancies at γ –γ interfaces in TiAl are generally some-
what lower than in the bulk. The lowest effective for-
mation energies for both Ti and Al vacancies have been
found in the ordinary twin where they are about 20%
below those in the bulk. In the pseudotwin and 120◦

rotational fault they are about 10% lower. This is in
contrast with grain boundaries where the vacancy for-
mation energies may be factor of two or more lower
than in the bulk [1, 19–21, 41–43]. The main structural
difference is that in grain boundaries there is very sig-
nificant local relaxation near vacancies that may lead
to their delocalization [49, 56], while in γ –γ inter-
faces vacancies are practically as localized as in the
bulk. Such localization is, of course, common in twin
boundaries [44, 57, 58] and it is the main reason why
vacancy formation energies in such boundaries are also
not too different from those in the bulk.

Similarly, the migration energies for the three mech-
anisms studied are lower in γ –γ interfaces than in the
bulk, again with the lowest values for the ordinary twin.
The corresponding effective activation energies for dif-
fusion are on average about 15% lower than in the bulk
so that the diffusivity along these interfaces is higher
than in the bulk, albeit not drastically as it may be in the
case of grain boundaries [19–21, 41–43]. Furthermore,
the effective activation energies are very similar in all
three types of interfaces and not very different for Ti and
Al, respectively. Hence, self-diffusion of both Ti and
Al can be expected to be enhanced relative to the bulk
in all γ –γ interfaces and be similar for both elements.

An interesting finding is that the surplus of Ti at
the pseudotwin and 120◦ rotational fault, which may
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occur due to segregation [27, 28], affects the diffusiv-
ity in these interfaces only marginally. In the present
study the titanium surplus was modeled as a layer with
the Ti3Al DO19-type structure at these interfaces, as
indicated by Monte Carlo calculations of Ti segrega-
tion to lamellar interfaces when there is a surplus of
Ti in the bulk [28]. It could be expected that this large
structural and stoichiometric difference at the interface
affects significantly both the formation and migration
of vacancies and thus the interfacial diffusion coeffi-
cient. Nonetheless, as seen in Table 6, the effective
activation energies for diffusion differ only marginally
from those presented in Table 4 for the stoichiomet-
ric case. The reason is that the controlling step of dif-
fusion is the vacancy formation and migration in the
layer adjacent to the Ti rich layer. Hence, the present
study suggests that segregation of Ti to some lamel-
lar boundaries will not affect their diffusional proper-
ties very significantly. However, a bigger effect of the
surplus of titanium on interfacial diffusion might be
found if the directional bonding arising from the Ti d-
electrons were taken into account in the calculations.
Consequently, the present results showing a small ef-
fect of Ti segregation, which have been obtained using
central-force potentials, should not be taken as definite.

Appendix A: Many-Body Central-Force
Finnis-Sinclair Potentials for TiAl

The functional forms of the potentials entering
Eqs. (1a) and (b) are:

VAA(ri j ) =
6∑

k=1

ak(rk − ri j )
3 H (rk − ri j )

(A.1)

�AA(ri j ) =
2∑

k=1

Ak(Rk − ri j )
3 H (rk − ri j ),

where A represents either Ti or Al, and

VTiAl(ri j ) =
4∑

k=1

ak(rk − ri j )
3 H (rk − ri j )

(A.2)
�TiAl =

√
�TiTi�AlAl,

where H (x) is the Heaviside step function and the cor-
responding parameters ak , Ak , rk and Rk are summa-
rized in Table A1. The values of r1 and R1 represent
cut-off radii of the corresponding potentials.

Table A.1. Parameters of the VTiTi, �TiTi, VAlAl, �AlAl and VTiAl

potentials that lead to a = c = 4.0246 Å and the ratio c/a = 1.
The radii ri and Ri are in Å and coefficients ai and Ai in eV/Å3.

Ti Al Ti–Al

a1 −0.892173390625 0.485497090961 0.0756562605

a2 1.261493718750 −1.122148021598 −0.1639193100

a3 −0.340022937500 2.107197460791 0.3990835860

a4 −0.162444984375 −1.619069618174 0.2034540000

a5 1.164297312500 0.443144698322

a6 0.561266250000 0.301001333565

A1 0.621811359375 0.289298308255

A2 −0.610332890625 0.074641404172

r1 4.88 4.9616175 4.70

r2 4.80 4.7793540 4.30

r3 4.48 4.4148270 3.70

r4 3.80 4.2528150 3.25

r5 3.20 3.6452700

r6 2.828428 3.0665096

R1 4.88 4.860360

R2 4.16 3.766779
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Note

1. The higher values of effective formation energies found in ab
initio calculations [50, 51] may be a consequence of incomplete
structural relaxations.
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